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ABSTRACT 

The stability of materials under irradiation is a critical topic and has been an area of 

fundamental interest in particular for materials used in nuclear reactors. These dissipative 

systems which exist far from equilibrium pose a challenge in understanding due to the 

existence of multiple dynamical processes, which are often competing. Recent modeling 

and experimental results of Cu-base alloys indicate that these dynamical processes can 

lead to nanostructuring in binary alloy system. Nanostructuring at steady state under 

irradiation could result in materials with very high irradiation resistance as interfaces can 

trap point defects and He atoms. The objective of this work was to study whether 

nanostructuring could also take place in multicomponent systems, possible involving the 

precipitation of compounds. The Cu-TiB2 alloy system was selected and microstructural 

evolutions induced by 1.8 MeV Kr ion irradiation with varying fluence and wide range of 

temperatures were investigated. An additional objective was to identify the mode of 

formation of these nanostructures. Homogeneous co-sputtered Cu-TiB2 films as well as 

Cu/TiB2 multilayers were grown by physical vapor deposition as starting materials. 

Transmission electron microscopy revealed that irradiation of initially homogeneous 

films led to the nanoscale precipitation of second phase TiB2 particles, with an average 

diameter of 5 nm. This nanostructuring reached similar steady states for irradiation 

temperatures ranging from room temperature to 650 °C. It is thus concluded that this 

nanoprecipitation takes place in displacement cascades.  
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CHAPTER 1   

INTRODUCTION 

The effects of radiation on the properties of solids are of significant interest in 

both scientific and technological fields primarily due to their importance for applications 

such as nuclear reactors and ion beam processing of materials. Major effects of radiation 

on solids were observed after nuclear fission reactors were developed in the 1940s and 

since then study of the structural effects of radiation in materials has gained significant 

technological importance. Radiation can also bring about changes in composition of the 

material either by ion implantation or by transmutation, and in recent years it has become 

a major technique in the manufacture of silicon devices [1].  Particle irradiation remains a 

powerful tool to study the underlying properties of point defects, and irradiation with 

energetic heavy ions drives the system far from equilibrium providing newer perspective 

to study and understand the properties of these dissipative materials [2]. As a non 

equilibrium process, ion beam irradiation is instrumental in phase transformation and 

material modification in solids [3]. 

It is very important to understand and control chemical and physical phenomena 

in complex systems at high temperatures and radiation doses. A clear understanding of 

microstructural evolution and subsequent property variation under extreme conditions is 

critical for design of structural materials, fuels and waste-form applications [4]. The 

microstructure development under irradiation is primarily governed by the motion of 

point defects and the atomic mixing of the alloy constituents [5]. In immiscible alloy 

systems, a competition may arise between the thermally activated motion of the point 

defects and solute fluxes which lead to de-mixing, with atomic mixing due to ballistic 

collision cascade and liquid like mixing in the thermal spike region in the cascade. Martin 
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[6] in 1984 introduced a model to account for the dynamical competition between 

thermally activated decomposition and ballistic mixing. Martin showed that the steady 

state reached by such a system is identical to the equilibrium state that would have been 

reached at a higher, effective temperature, which is defined by Teff = T (  
            

     
 . 

At high fluxes and low temperature, the alloy system is predicted to form a solid solution 

whereas at relatively high temperatures and low flux, the system becomes phase 

separated. In Martin’s model, the ballistic mixing is assumed to be short ranged, and is 

thus modeled as a forced diffusive process. Molecular dynamics simulations have 

however revealed that the distribution of atomic relocations in displacement cascades can 

exhibit a tail that contains relocations to several nearest neighbor distances [7]. Enrique 

and Bellon introduced a new model to take into account that finite range mixing. 

Analytical modeling and kinetic Monte Carlo simulations indicated that, owing to the 

finite-range mixing, in addition to a solid solution and macroscopically decomposed 

state, a third steady state was possible consisting of self organized structures with 

nanometer length scale [8]. Such nanostructures have been experimentally observed in 

alloy systems such as Cu-Co [9], Cu-Ag and Cu-Fe [10]. In addition to fundamental 

interest, steady state self organized nanostructures are interesting for applications 

requiring high radiation resistance. They would indeed provide a high and stable density 

of interfaces, and thus point defect sinks. These self-organized structures could promote 

very effectively point defect trapping and recombination, and elimination. As a 

consequence, such nanostructures would, by design have near perfect radiation 

resistance.  
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In the case of highly immiscible alloy systems, e.g., Cu-Nb, Cu-Mo, Cu-W, the 

above approach needs to be modified since the ballistic mixing is negligible. In this 

instance, it is impossible to force such alloying elements into solution, in contrast to the 

moderately immiscible alloy systems such as Cu-Co, Cu- Ag, or Cu-Fe. Recent results 

reported by Vo et al. [11] indicates that in Cu-base binary Cu-X alloy systems, with X= 

Nb, Mo, or W, irradiation does in fact induce a nanoscale decomposition. Molecular 

dynamics simulations suggest that this decomposition takes place during the thermal 

spike phase of the displacement cascades [11]. The scale of this decomposition is thus 

limited by the cascade size, typically 1 to 10 nm. This decomposition leads to the 

formation of highly stable nanostructures, owing to the pinning effects of the precipitates 

on grain boundaries. It has for instance been reported that Cu-W nanostructures can be 

stable up to 850 °C, a temperature exceeding 85% of the melting point of Cu.  

The new nanostructuring reaction affords novel ways to design materials that are 

resistant to extreme temperature and irradiation environments. The experimental systems 

studied so far were all binary alloys, with an elemental precipitating phase (Nb, Mo, or 

W). In this work, we explore the possibility to extend these results to the more complex 

case where the precipitating phase is a compound. The model system Cu-(TiB2) is chosen 

because of the refractory nature of TiB2. In addition, Cu-TiB2 composites may have 

advantageous mechanical properties, although these will not be investigated in the 

present work. 
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CHAPTER 2 

 BACKGROUND 

2.1 Ion Solid Interactions 

When high energy particles in the electron volt to mega-electron volt energy 

range, are bombarding a solid target, they predominantly lose energy through a sequence 

of elastic two body nuclear collisions with the target atoms and excitation of the 

electronic system. These elastic collisions are the primary source of damage creation in 

metals and most semiconductors. The electronic excitations have limited effect on 

damage production unless the ion energies are in the order of hundreds of mega-electron 

volt or giga-electron volt range. Electrons mainly act as viscous medium for the motion 

of the atoms and thus play a critical role as a source of energy dissipation.      

2.1.1 Point defects creation 

Ion-solid interactions are the cornerstone that guides the broad application of ion 

beams to the modification of materials. Particle irradiation continues to be a powerful 

means for investigating the fundamental aspects of defects in solids. Irradiation in 

materials by energetic particles leads to displacement of atoms from their lattice position 

to interstitial position generating a vacancy behind, and forming a Frenkel Defect.   

When a target atom is struck by a fast moving irradiation particle, atomic 

displacements begin with the creation of a primary knock on atom (PKA). The energy 

required to permanently displace a lattice atom presents a threshold, called the 

displacement energy, Ed. If in the collision process, the energy transferred to the PKA, 

referred to as the recoil energy, T is far in excess of the displacement energy, Ed the PKA 

can in turn displace other atoms, secondary knock-on atoms, tertiary knock-ons, etc. – 
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thus creating a cascade of atomic collisions. If, however T < Ed, the impinged atom 

undergoes large amplitude vibrations without leaving its lattice position and the 

vibrational energy is shared with the nearest neighbors and dissipates as localized heat. 

Molecular dynamic simulations reveal that in about 0.2 ps of the creation of PKA, in the 

highly disturbed localized lattice region, atoms lose their energy and fall below the 

threshold energy for further displacements, which represents the end of ballistic phase of 

the cascade. This phenomenon is well illustrated in Fig. 1 as imagined by Seeger in 1958 

[12]. At the end of the event, the remnants of the cascade primarily composed of large 

supersaturations of Frenkel pairs, dislocation loops, redistribution of stresses and 

extensive mixing of atoms. This is termed as the primary state of damage.  

The multiple displacement sequence of collision events is referred to as collision 

or displacement cascade and the average number of atoms displaced in a cascade is 

known as displacement damage function, denoted by <Nd(E)>, where E is the energy of 

the PKA. A schematic of the formation of collision cascade by a PKA is shown in Fig. 2 

[13]. The simplest calculation of the damage function, Nd(E) is based on the hard-sphere 

model of Kinchin and Pease [14]  

            

                     
                                     

              
 

   
                      

 

   
                 

  

      

where Ec is a cutoff energy imposed by Kinchin and Pease to accommodate electron 

energy losses for PKAs at higher energies. 
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To account correctly for electronic stopping and using a realistic interatomic potential to 

describe the atomic interactions, Norgett, Robinson and Torrens [15] modified  the 

Kinchin-Pease damage function to  

     
      

   
 

where ξ < 1 and depends on atomic interactions and ν (E) is the amount of PKA energy 

not lost to electronic excitations, commonly referred to as the damage energy. The total 

modified Kinchin-Pease displacement damage function is given by   

  

            

                             
                                        

           
      

   
                    

  

 The production and sustenance of a stable Frenkel pair require that the interstitial 

atom and vacancy are separated by a suitable distance else they would spontaneously 

recombine. Gibson et al. [16] have shown a region of instability surrounding a vacancy, 

referred to as spontaneous recombination volume (SRV) which is shown in Fig. 3. SRV 

determines the energy required for a displacement along with the maximum 

concentration of defects that can be stored in a lattice. Replacement collision sequence 

(RCS) is created when an atom replaces the next atom along a close packed row and thus 

provides a way for transporting interstitial atom beyond the SRV. This is illustrated in 

Fig. 4 considering a (100) plane of an FCC crystal.     

2.1.2 Ion Beam Mixing     

 In addition to creating point defects, irradiation brings about significant atomic 

rearrangement. An energetic impinging ion initiates a collision cascade and atoms in the 
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cascade are mobile enough to undergo rearrangement resulting in an intermixed region 

[17]. Ion dose, ballistics or kinematics of the ion-target interaction and formation of 

collision cascade are responsible for ion mixing effect. External factors such as sample 

temperature during irradiation influence ion mixing.  

 Guinan and Kinney [18] who studied the displacement events in Tungsten, have 

divided the temporal development of an energetic cascade into three phases: 

(i) A collision phase, refers to when the PKA initiates a collision cascade energy 

dissipates from each generation of recoils, increasing the cross section for 

collision. This leads to isotropic mixing of atoms within the cascade and lasts 

for about a tenth of picosecond. 

(ii) A relaxation phase, during which spontaneous recombination of the produced 

defects takes place, lasting the order of half a picosecond resulting in 

equilibrium configuration of isolated defects.  

(iii) A cooling or “thermal-spike” phase, lasting a few picoseconds during which a 

highly disordered cascade region eventually achieves local thermal 

equilibrium with its surroundings. 

The three phases can be seen in Fig. 5 where the Frenkel defect concentration is 

plotted as a function of time in a displacement energy cascade in W, for two different 

energies (0.6 and 2.5 keV).  

 “Spike” is defined as a high density cascade which possesses a limited volume in 

which the majority of atoms are temporarily in motion [19, 20]. Brinkman [21] 

investigated the damage distribution in a cascade and suggested that a highly disturbed 

region is formed where every atom is forcefully displaced from its lattice site or PKA 
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path, producing a volume of material composed of a core of vacancies enveloped by 

interstitial atoms which is illustrated in Fig. 6.   

 During thermal spike, depending on the energy density, local temperature can 

reach or exceed the melting temperature of the material for few picoseconds, giving rise 

to liquid like diffusion and defect clustering on subsequent cooling [2]. Molecular 

dynamics simulation of a 10-keV collision event in ordered B2 phase of NiAl is shown in 

Fig. 7 [22]. On careful observation a solid-liquid phase boundary can be seen as well.  

2.1.3 Radiation Enhanced Diffusion  

 Following the thermal spike phase, the target system is left with large 

supersaturation of point defects and defect clusters. Due to the excess point defect 

concentration atomic mobility is enhanced, as diffusion of an atom is proportional to the 

probability of having a defect available for its motion [23]. Diffusion coefficient for 

vacancies is given by,  

Dv   Γvd2/6 

where Γv is vacancy jump frequency, d is atomic jump distance. The atomic diffusion 

coefficient can now be expressed as, 

D = fvCvDv 

where fv is a correlation factor, Cv  is the vacancy concentration. Diffusion under 

irradiation takes place by the motion of vacancies, interstitials, divacancies etc. In 

general,  

D = fvCvDv + fiCiDi + f2vC2vD2v + . . . . 

At elevated temperatures, thermal equilibrium vacancy concentration is far in 

excess of the irradiation-induced defect concentrations and thus thermal diffusion 
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predominates, nullifying the radiation effects. At intermediate temperatures D is nearly 

independent of temperature and increases linearly with the displacement rate, in what is 

referred to as sink-limited regime as most of the point defects are lost at defect sinks. At 

even lower temperatures, irradiation induced vacancy concentration is high enough that, 

direct recombination with interstitials dominates over diffusion to fixed sinks. This can 

be summarized in a schematic plot shown in Fig. 8. [24].  

2.2 Driven Alloys 

Materials that are continuously maintained away from thermodynamic equilibrium by 

external driving force are generally referred to as driven systems. Materials under 

irradiation, or subjected to constant plastic deformation under cyclic fatigue or ball 

milling, are examples of driven systems [25]. Neglecting the medium and long-range 

relocations due to nuclear collisions, Martin’s effective temperature model [6] explains 

the phase behavior of driven systems. In this model, Teff = T (1+ Δ), where Δ is ratio of 

atomic jumps from the ballistic events to atomic jumps from thermally activated events. 

In an immiscible alloy under irradiation, there exists a dynamic competition between the 

two diffusion processes and thus Δ is a relative measure of their strengths. At high 

irradiation flux and low temperatures, Δ is large and the system behaves as if it was 

effectively at a high temperature. This effective temperature model relates dynamical 

steady states to effective equilibrium states, making possible to construct a map of stable 

steady states as a function of irradiation parameters. 

 The microstructure of driven systems may spontaneously self-organize during 

sustained forcing [26]. Pattern formation in irradiated alloys concerns spatial organization 
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of defects such as void clusters, dislocations along with compositional spatial 

organization and chemical order [26, 27].  

 Extending the results of the effective temperature model, Enrique and Bellon, 

predicted that in moderately immiscible systems irradiated at intermediate temperatures 

or ballistic relocation rates, a steady state self organization at mesoscopic scale, known as 

compositional patterning can be observed [8, 28]. The model takes into account the 

effects of two control parameters, the average relocation distance, R and the  reduced 

ballistic mixing, γ. The corresponding dynamic phase diagram is shown in Fig. 9. 

However, in case of highly immiscible alloy systems, another case of 

nanostructuring has been recently identified which is almost independent of temperature 

and where nanoprecipitation takes place within the displacement cascades [11]. Based on 

the experimental results and molecular simulations, Vo et al. proposed that the migration 

of solute atoms in the liquid phase of the thermal spike results in the precipitation of the 

nanoscale particles whose  maximum size is comparable to size of the melt zones ~ 5 nm 

in Cu-Mo or in Cu-W.     

2.3 Dilute immiscible Cu alloys 

 Due to their high thermal conductivity, Cu-base alloys find applications as first 

wall materials in future reactors. Due to their thermal stability Cu alloys are potential 

interconnect materials in semiconductor industry. From a fundamental perspective, Cu-

base alloys are excellent model materials, owing to the wide range of accessible heat of 

mixing, ranging from nearly ideal solid solutions, e.g., Cu-Ni, to moderately immiscible 

systems, e.g. Cu-Ag, Cu-Co, Cu-Fe, to highly immiscible systems such as Cu-Nb, Cu-

Mo, and Cu-W. In the latter case, elements are in fact immiscible in the solid state as well 
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as in the liquid state. This wide variety of immiscibility can be used to probe to the 

intensity and characteristics of the mixing forced by irradiation, and to achieve 

nanostructuring. This work focuses on the Cu-TiB2, and aims at exploring the possibility 

of inducing by ion irradiation a stable dispersion of TiB2 nanoprecipitates in Cu. 

(i) Cu-Ag: Ag has a solubility of less than 0.1% at room temperature and about 

8.8% at eutectic temperature. For irradiation temperatures below ~120 °C, no Ag 

precipitation was observed, however thermal precipitation was significant above 

~200 °C. Cu-Ag alloy showed a maximum temperature for the self-organization 

around 175 °C to 200 °C. Also observed was the dissolution of the phase 

separated microstructure, under low temperature irradiation [5]. Enrique et al. 

have showed through experiments and simulations, that Cu-Ag composites 

undergo compositional patterning under specified conditions of temperature and 

irradiation does [7, 8]. Other results on irradiation of Cu-Ag alloy at 250 °C 

showed solute enrichment on either side of the grain boundaries, but depletion at 

the grain boundary due to the solute segregation, which is expected for oversized 

Ag atoms [24].   

(ii) Cu-Co: This system parallels the Cu-Ag, but the maximum solubility of Co in Cu 

is less, making this system more immiscible, and the boundary separating 

pattering and coarsening regime is about ~150 °C higher than the Cu85Ag15. 

Magnetization measurements reported by Krasnochchekov et al. [9] yield the size 

of precipitates as a function of irradiation temperatures. The three possible steady 

states expected from the dynamical phase diagram Fig. 9 were observed 

experimentally. It was also observed that the patterning regime is independent of 
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initial conditions. The variation of particle size with irradiation dose for Cu85Co15 

is shown in Fig. 10. 

(iii) Cu-Fe: This system is comparable to Cu-Co ,as the Fe solubility is less than 0.1 

at% at room temperature and increases to ~4 at% at peritectic temperature 

(1085°C),  and at early stages of the precipitation, Fe forms coherent fcc 

precipitates in Cu. An APT study revealed that nanostructured steady states 

existed between room temperature and 300 °C. As in Cu-Ag, Cu-Co, the 

precipitate size during irradiation in patterning regime was independent of initial 

conditions [10]. Atom Probe Tomography results are shown in Fig. 11.  

(iv)  Cu-Nb: Cu and Nb have negligible mutual solubility in the solid state, and liquid 

Cu in immiscible with solid Nb, but Cu and Nb liquids are largely miscible. 

Averback et al. showed with the help of RBS that small mixing was detected at 6 

K however, none at 295 K emphasizing the effects of mixing due to ballistic 

cascades [29]. It is believed that during the phase of thermal spike, a liquid like 

melt created would facilitate the movement of the Nb atoms leading to the 

formation of nanostructures. Experimental evidence from Chee et al. [10] show 

that the precipitate size remained constant at high temperature and irradiation 

conditions, unlike the above mentioned systems.  

(v) Cu-Mo: Mo is also highly immiscible in Cu, both in the solid and in the liquid 

state. It was shown that there was no mixing even at temperatures below liquid 

nitrogen (6 K) and room temperature (295 K) [29]. Vo et al. [11] have reported 

Mo begins to precipitate thermally at about ~400 °C and remains stable until 

about 0.65Tm (Tm is the melting temperature of Cu, ~1083 °C ) after which 
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significant coarsening is observed. Under irradiation, Mo precipitates at room 

temperature but does not coarsen until high temperatures. Such a thermal stability 

can be explained by low atomic diffusivity combined with small solubility and 

Zener pinning at grain boundaries [30]. 

(vi)  Cu-W: Cu-W system is similar to Cu-Mo W being highly immiscible and having 

low tracer diffusivity. Cu90W10 films do not undergo precipitation until about 

~550 °C and then remains stable until 0.85 Tm, after which significant coarsening 

is observed. This is illustrated in Fig.12. As in Cu-Mo, irradiation at room 

temperature and above leads to nanoscale precipitation of the W phase. These 

results can be understood as during irradiation, at temperatures low enough for 

thermal diffusion to be neglected, particle size and grain size is controlled by the 

size of the thermal spike region, and at higher temperatures, thermal coarsening 

becomes dominant.  

2.4 TiB2 and the Cu-TiB2 alloy system 

 Titanium diboride (TiB2) is one of the most stable titanium-boron compounds and 

an extremely hard (~25-35 GPa at room temperature) ceramic compound having a high 

melting temperature, 3225 °C. TiB2 crystallizes as hexagonal close packed, P6/mmm 

space group with lattice parameters of a = 302.36 pm and c = 322.04 pm and has low 

density (4.52g/cc). In contrast to many ceramics it has high thermal conductivity (60-120 

W/mK) and a high electrical conductivity (~10
5
 S/cm). Due to these properties mentioned 

above, it has several applications ranging from impact resistant armor, cutting tools and 

wear resistant coatings [31].  
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 A binary phase diagram of Ti-B is shown in Fig. 13 calculated with Thermo-calc 

software [32]. There is no information available in literature about the Cu-Ti-B ternary 

phase diagram or the thermodynamic data. It is however instructive to analyze the 

calculated Ni-Ti-B and Fe-Ti-B phase diagram [33]. The Ni-Ti-B phase diagram, Fig. 14 

shows that, in the Ni-rich corner, phase coexistence can take place between the Ni-rich 

fcc solid solution and several compound phases, including Ni3B, Ni3Ti and the so-called τ 

(fcc) Ti3Ni20B6 phase. The formation of the TiB2 phase at 800 °C requires a rather large 

concentration of Ti (>25%) and B (>25%). It should be noticed, however, that Ni and B 

have a negative heat of mixing and form multiple compounds, where as Cu and B are 

immiscible. Fe and B do also form compounds, but the ternary Fe-Ti-B phase diagram, 

see also the Fe-TiB2 pseudo binary phase diagram in Fig. 15, indicates that an iron solid 

solution can coexist with TiB2 below ≈1300 °C, as well as Fe2B for low Ti content. In 

this present work, we investigate first whether TiB2, when added to a Cu base, can form 

stable nanoprecipitates, under irradiation. If such precipitation takes place, as we will 

show, the second question that we address is whether this nanostructuring is similar to the 

one taking place in the Cu-Ag, Cu-Co or Cu-Fe systems discussed above, or to that 

identified in the Cu-Nb, Cu-Mo or Cu-W alloy systems. In order to investigate the 

behavior, we have grown thin films, co-sputtered and multilayered. We have 

characterized them primarily by transmission electron microscopy, with additional 

characterization done by XRD and RBS, before and after irradiation using 1.8 MeV Kr 

ions, with doses ranging from 1  10
16

 ions/ cm
-2

 to 3  10
16

 ions/ cm
-2

 and irradiation 

temperatures from the room temperature to 800 °C.  
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CHAPTER 3  

EXPERIMENTAL METHODS 

3.1 Sample Preparation and Irradiation 

Pure Cu, pure TiB2, Cu-TiB2 multilayers, and Cu-TiB2 co-sputtered thin film 

specimens were grown on oxidized Si wafers in AJA ATC 1200 DC magnetron 

sputtering system equipped with a Cu target (Kurt. J. Lesker, 99.999% purity, 1.5” 

diameter and 0.125” thick) and a TiB2 target (Optical Coating Material, 99.5% purity, 

1.5” diameter and 0.125” thick). The base pressure in the growth chamber was ≈ 4  10
-8

 

Torr, and the operating pressure during growth was ≈ 2  10
-3

 Torr Ar. The growth 

chamber is equipped with a load lock chamber and the samples are loaded on the Inconel 

sample stage and transferred using a magnetic rod from the load lock chamber into the 

growth chamber once the load lock pressure falls below 1  10
-6

 Torr. The specimen 

stage was positioned at ≈ 10 cm from the magnetron sources to have minimum thickness 

and concentration variation. The film thicknesses were ≈ 200 nm, which is less than the 

projected range of Kr ions, ≈ 300 nm as calculated using TRIM [34]. The multilayered 

samples consisted of alternation layers of Cu (thickness of 16 nm) and TiB2 (thickness of 

4 nm), with 10 periods. The co-sputtered thin films were grown to match the composition 

of Cu0.85(TiB2)0.15 and some of the co-sputtered samples were capped with a 10 nm layer 

of TiB2 to suppress oxidation during irradiation at large doses.  A schematic cartoon of 

the two sample types is shown in Fig. 16.  

 Irradiations were carried out using 1.8 MeV Kr ions in HVE Van de Graaff 

accelerator at the Frederick Seitz Materials Research Laboratory. Irradiation chamber 

was maintained ≈ 5  10
-8

 Torr during heating and irradiation, and a high vacuum was 
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maintained by filling the cold finger with liquid nitrogen at regular intervals during the 

run. The ion beam was rastered using x-y deflector plates and passed through a 3 mm 

aperture before entering the target chamber. The beam current was maintained at ~ 100 

nA, which restricted beam heating to less than ~ 10 °C. The deposited damage energy is 

nearly uniform throughout the entire film, increasing by ~ 30% from the front to back 

sides of the film. The results reported here were obtained after irradiation doses of 1  

10
16

 ions/ cm
-2

 and 3  10
16

 ions/ cm
-2

 which corresponds to 25 and 75 displacements per 

atom (dpa),  as determined by SRIM calculations [34].  

3.2Characterization of Microstructure 

  The following analyzing techniques were used to characterize the alloy thin films in this 

work. 

3.2.1 X-Ray Diffraction (XRD) 

 The X-ray diffraction measurements were performed using a Philips X’pert MRD 

system using a Cu X-ray source with point focus optics operated at 45 kV and 40 mA. 

The X-rays travel through the Ni filter to remove Kβ signal and 1 mm  3 mm exit slit 

before hitting the sample. The samples were aligned using the Si (0 0 4) peak and omega-

2theta scans were performed with a step size of 0.02° step size and a scan speed of 2-10 

seconds per step.  

3.2.2 Rutherford Backscattering (RBS) 

 Rutherford backscattering (RBS) measurements were performed with the HVE 

Van de Graaff accelerator with a beam of 2 MeV He
+
 ions passed through a circular 

aperture before hitting the sample. The thickness and composition of the thin film 

samples was estimated using the RBS measurements and analyzed using the RBS fitting 
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software SIMNRA [35].  The incident beam was aligned at an angle of 22.5° to the 

sample normal and the solid state detector is positioned 30° relative to the incident beam 

and thus the scattering angles was 150°.  

3.2.3 Transmission Electron Microscopy (TEM) and Scanning Transmission 

Electron Microscopy (STEM) 

 Transmission electron microscopy was performed using a JEOL 2100 Cryo with 

LaB6 filament for bright field (BF) and dark field (DF) imaging, and electron diffraction. 

For high-angle annular dark field (HAADF), high resolution (HREM) and energy 

dispersive spectroscopy (EDS) measurements, JEOL 2010F with a field emission gun 

operating at200kV was used. 

 The cross sectional samples were prepared both by conventional method and by 

focused ion beam (FIB) using a Ga beam in FEI Dual Beam 235 FIB. In the conventional 

technique, two thin strips of the samples ~1.5 mm wide are cut using a low speed 

diamond saw and then cleaned using an ultrasonic cleaner. The two thin strips were glued 

films facing each other using M-Bond epoxy and cured under constant pressure at 120°C. 

The sample was then mounted on a tripod stand, ground and polished on both sides using 

boron carbide powder and diamond lapping films to a thickness of ≈ 50 microns and then 

mounted on to a TEM grid. The cross section sample was then ion milled to electron 

transparency using a GATAN Precision Ion Polishing System (PIPS) at room 

temperature. Samples prepared using the FIB lift-out technique followed the process 

described by Langford et al. [36] showing the different steps in Fig. 17. The thin cross 

section was lifted and welded on a TEM grid using the Pt source. However, no major 

differences were observed in the cross sections prepared by both the techniques.  
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CHAPTER 4 

RESULTS 

4. 1 Irradiation of pure TiB2 thin films 

 It is known from prior work [37], that TiB2 grown by magnetron sputtering of a 

TiB2 target on a Si substrate, at room temperature and in absence of external bias would 

result in an amorphous structure. Upon irradiation with 1.8 MeV Kr
+
 ions at high 

temperature, 800 °C, electron diffraction demonstrated that the amorphous phase 

transformed to the equilibrium hexagonal TiB2 phase as seen in Fig. 18. We note that this 

phase was not detected by XRD, probably because of low atomic numbers of Ti and B. 

Dark field imaging of the irradiated TiB2 sample indicated that the grains of the order 20 

to 30 nm as illustrated in Fig. 19. A bright field image and a high resolution electron 

micrograph of the irradiated sample at 3 10
16 

ions/ cm
-2

 are shown in Fig. 20 and Fig. 

21.  

4.2. Irradiation of Cu/ TiB2 multilayers  

 Alternate layers of Cu and TiB2 each measuring 16 nm and 4 nm respectively 

were grown on Si/SiO2 substrate until a thickness of ~ 200 nm was deposited. It was 

observed that the Cu layers were crystalline with grains growing up to the thickness of 

the layer (~ 16 nm) and TiB2 layers were amorphous as expected as seen in Fig. 22. 

Twinning was commonly observed in Cu layers and the interfaces remained fairly abrupt 

with a small amount of roughness, of the order 2 to 3 nm as seen in Fig. 23. The electron 

diffraction pattern in Fig. 24 shows the presence of only Cu reflections but no TiB2 

reflections. After irradiation at 650 °C with an ion dose of 3  10
16 

ions/ cm
-2

 as 

illustrated by Fig. 25, the main change was the crystallization of the TiB2 layer, forming 
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the equilibrium hexagonal TiB2 phase. A highly magnified image, Fig. 26, of the 

irradiated multilayer sample showed that the interface was highly stable and had no 

significant increase of mixing or roughness was observed. This confirms the result from 

Basu et al. [38] who showed the remarkable interface stability of Cu/ TiB2 under 400 keV 

Ne
++

 irradiation at room temperature. It was interesting to note that we did not observe 

any radiation damage observed despite high irradiation dose.  

4.3 Irradiation of co-sputtered Cu0.85(TiB2)0.15 thin films 

 A dilute Cu alloy with about ~ 15% second phase particle was considered as, if 

precipitation of TiB2 would take place, it would most likely result in isolated particles 

dispersed in the matrix, thus facilitating their characterization. A single layer of 

homogeneous solid solution of Ti and B in Cu matrix was grown at room temperature. As 

seen in the electron diffraction pattern Fig. 27, only FCC Cu reflections were observed 

with no signs of TiB2 reflections. A high angle annular dark field (HAADF) image of the 

as grown sample is shown in Fig.  28 and as expected a uniform gray contrast is seen.  

 In contrast, HAADF imaging, see Fig. 29 of the sample irradiated at a fluence of  

3  10
16

 ions/ cm
-2

 at room temperature (~25 °C) showed the presence of a second phase 

precipitate with a darker contrast, thus lighter than the matrix. When the irradiation 

temperature was increased to 650 °C and irradiated with a dose of 1  10
16

 ions/ cm
-2

 Kr
+
 

ions, the spherical zones with darker contrast were also observed uniformly throughout 

the sample in HAADF images, as seen in Fig. 30. A second phase was identified from 

electron diffraction as shown in Fig. 31. All the extra diffraction peaks matched the peaks 

of TiB2, in particular the {     } and {     } reflections. It was verified that the 

reflections did not match any other possible phases such as TiB, TiO2 etc. The electron 
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diffraction results are thus strong indication that the phase precipitated at elevated 

temperature was TiB2. The spherical zones were uniformly distributed throughout the 

thickness of the film. The zones appeared darker than the background, thus corresponding 

to regions with average atomic number lower than that of Cu matrix. We thus conclude 

that these spherical zones, 4 to 5 nm in diameter, are TiB2 precipitates.  

 Irradiation at a dose 3 times larger, 3  10
16

 ions/ cm
-2

, were carried out to 

determine if the above microstructure had reached a steady state. When using standard 

co-sputtered samples, some unexpected changes were observed, in particular a decrease 

of the size of the dark zones in HAADF images, and a change in the position of the extra 

reflections in the diffraction patterns. It was suspected that oxidation in the irradiation 

chamber could have contributed to these unexpected features, so a new set of samples 

was grown by capping the Cu0.85(TiB2)0.15 film with a 10 nm TiB2 layer to suppress 

oxidation during irradiation. Irradiation of the Cu/TiB2 multilayers, see section 4.2, 

suggested that such a capping layer would be stable and effective. Irradiation of these 

capped co-sputtered samples to 3  10
16

 ions/ cm
-2

 produced a microstructure that could 

not be distinguished from the one observed after 1  10
16

 ions/ cm
-2

. In particular the size 

of the dark zones in HAADF was unchanged, at ≈ 5 nm, as seen in Fig. 32. The extra 

reflections detected in the electron diffraction pattern were also indexed as {     } and 

{     } TiB2 as shown in Fig. 33.  
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CHAPTER 5 

DISCUSSION 

 Careful analysis of the microscopy results, of the as-grown and irradiated samples 

at different temperatures and irradiation doses, lead to the conclusion that irradiation can 

trigger nanostructuring in the Cu-TiB2 alloy system. Nanoprecipitation of TiB2 phase is 

evidenced by electron diffraction even at irradiation temperatures as low as room 

temperatures, where thermal diffusion of Ti and B is negligible, indicating that the 

decomposition takes place in displacement cascades, probably during the thermal spike 

phase. The number density of the dark zones in the HAADF image was estimated by 

counting them over large areas (typically 50 nm by 50 nm), and with the help of electron 

energy loss spectroscopy (EELS) to determine foil thickness, ≈ 42 nm for the area shown 

in Fig. 28. The number density was estimated to be ≈ 3.3  10
23

 m
-3

 for irradiation to 3  

10
16

 ions/ cm
-2

, which corresponds to a volume fraction of 2.2% if we assume a constant 

diameter of 5 nm for all spherical zones. A nearly identical particle density, ≈ 1.9  10
23

 

m
-3 was found for irradiation dose of 3  10

16
 ions/ cm

-2
.  We thus conclude that the 

nanostructuring induced by the precipitation of TiB2 had reached steady state (or at least 

a quasi steady state). 

The results presented in Chapter 4 establish that the irradiation of the co-sputtered 

Cu-TiB2 thin films led to the formation of TiB2 nanoprecipitates, with an average size of 

≈ 5 nm and a number density ≈ 3.3  10
23 m

-3
. Starting from fairly homogeneous 

Cu.85(TiB2).15 solid solutions (see Fig. 28) this nanoscale precipitation was observed after 

irradiation at room temperature (Fig. 29) and at 650 °C (Fig. 28), with no significant 

difference in precipitate size or number density. In addition, for irradiations at 650 °C, the 
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size and number density did not evolve significantly with a three fold increase of the 

irradiation dose, from 1  10
16

 ions/ cm
-2

 to 3  10
16

 ions/ cm
-2

 (75 dpa), indicating that 

the nanoscale precipitation had reached a steady state under irradiation (Fig. 32). The 

identification of the precipitating phase relied on its darker contrast in HAADF (thus 

corresponding to a lower average atomic number than the matrix), on the larger Ti 

concentration in these dark regions when analyzed by EDS, and on the presence of TiB2 

diffraction spots in electron diffraction patterns. Attempts were made to image directly 

the TiB2 precipitates by the dark field imaging but no conclusive results could be 

obtained due to the weak intensity of the TiB2 reflections and their overlap with the Cu 

reflections. It is nevertheless believed that the results reported here convincingly establish 

the nature of the precipitates as hexagonal TiB2.  

 The irradiation-induced precipitation in Cu-TiB2 identified in this work displays 

the three key characteristics of nanostructuring induced by displacement cascades as 

reported earlier for highly immiscible systems such as Cu-Nb, Cu-Mo and Cu-W [11]. 

First, (i) the TiB2 precipitate size is about the size of the largest displacement cascades in 

Cu (≈ 5 nm), and it is essentially independent of irradiation temperature (here 25 °C to 

650 °C), at temperatures low enough for thermal precipitate coarsening to be negligible. 

Second, (ii) ballistic mixing does not play a significant role, as illustrated by the fact that 

RT irradiation does in fact induce the formation of precipitates in an initially 

homogeneous alloy. The lack of significant ballistic mixing is consistent with the results 

reported by Basu et al. [38] after irradiation of Cu/ TiB2 multilayers with 400 keV Ne 

ions at room temperature to a maximum dose of 1.2  10
16

 ions/ cm
-2

 (≈ 5 dpa). Third, 

(iii) the nanostructuring has reached a steady state, as both the precipitate size and their 
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number density did not change significantly when the irradiation was increased threefold, 

from 1  10
16

 ions/ cm
-2

 to 3  10
16

 ions/ cm
-2

. It is also worth noting that the points (i) 

and (ii) clearly establish that this nanostructuring cannot result from a dynamical 

competition between dissolution promoted by ballistic mixing and precipitation driven by 

thermally activated decomposition.  

 The volume fraction of precipitated TiB2 was estimated to be ≈ 2%, based on an 

average precipitate size of 5 nm and an average number density of  3  10
23 m-3

. This 

volume fraction is lower than the as-grown volume fraction of TiB2, 15%. This indicates 

that not all Ti and B atoms are participating to the formation of nanoprecipitates, in 

contrast to the case of binary immiscible alloy systems such as Cu-Mo or Cu-W. This is 

interesting since the largest irradiation dose employed here leads to many overlapping 

cascades. A possible kinetic limitation in the formation of TiB2 during thermal spikes 

comes from its somewhat complex hexagonal crystallographic structure, with alternating 

layers of Ti and B. It should be noted that an important difference between the present 

system and highly immiscible binary systems such as Cu-W is that additional atomic 

interactions are involved because we are dealing with a ternary alloy system. In 

particular, Cu and Ti possess a negative heat of mixing, -19 kJ/ g.atom for the equiatomic 

composition, and it is thus conceivable that some Ti remains in solution during the 

thermal spike phase of displacement cascades, despite the much higher negative heat of 

formation of TiB2, -94 kJ/ g.atom [33]. The presence of Ti in solution is supported by the 

EDS analysis of the matrix, which yielded a significant amount of Ti, about 3-4 % (B 

cannot be quantified with the EDS system used in this study). No Cu-Ti compounds or 
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amorphous phase were observed before or after irradiation, although the formation of a 

small amount of such phases cannot be excluded.  

 In addition to the nanostructuring observed in the co-sputtered samples after 

irradiation, it is interesting to note that large extended defects such as dislocation loops 

were not observed in Cu matrix. An interesting result from the XRD was the small grain 

size in irradiated samples over a large range of temperatures, Fig. 34. A grain size of 

about ≈ 30 nm was maintained even at ~ 0.7 Tm of Cu indicating good microstructural 

stability. A comparison of the XRD patterns of the co-sputtered and multilayered samples 

in shown in Fig. 35. These results suggest that either the TiB2 nanoprecipitates or the Ti 

and B in the solution are effective in suppressing grain growth. It is concluded that 

nanoprecipitation of TiB2 imparted high radiation resistance to Cu. 

 Several research directions could be pursued to expand on the present results. 

Firstly, it would be interesting to investigate whether the nanostructured Cu-TiB2 

microstructure provides effective resistance against swelling, that is whether it can trap 

He atoms in small bubbles. This could be studied by implanting large doses of He and 

determining the local concentration of He required for bubbles to form, as well as their 

size, location in relationship to the nanostructure, and their number density. Similarly 

studies have been conducted for Cu/Nb and Cu/ V multilayers [39] and for nano-ODS 

steels [40]. One would hope that He would be confined in small bubbles at the Cu/TiB2 

interfaces, thus suppressing swelling. 

 Another direction of future research would be to investigate another ternary alloy 

system. Interestingly enough, preliminary results conducted in our research group on Ni-

TiB2 seem to indicate that irradiation does not induce nanoprecipitation of TiB2 in a Ni 
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matrix. As indicated in Chapter 3, the equilibrium phase diagram of the Ni-Ti-B system, 

in the Ni-rich corner, suggests however that several phases may form before TiB2, 

including Ni3Ti, Ni3B, and the τ phase. This complexity, which is apparently absent in 

Cu-Ti-B, possibly because of the positive heat of mixing in Cu-B in contrast to the 

negative heat of mixing of Ni-B, may explain why the TiB2 phase does not form during 

irradiation of Ni-TiB2 thin films. The Fe-Ti-B system would also be of interest, as the Fe-

rich corner of the equilibrium phase diagram of the system suggests that co-existence 

between Fe and TiB2 can be achieved at low TiB2/ Fe ratios. Lastly, another extension of 

the present work would be to investigate the model systems comprised of metallic matrix 

containing oxide phases, owing to the large interest in radiation resistance of nano-ODS 

steels. This extension will however require a different growth technique owing to the 

poor electric conductivity of oxides.  
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CHAPTER 6 

CONCLUSIONS 

 In this thesis, we have studied the evolution of the microstructure of Cu-TiB2 thin 

films after large dose of irradiation with 1.8 MeV Kr ions, for irradiation temperatures 

ranging from room temperature to 800 °C. The main result of this work is that irradiation 

can induce nanoprecipitation of TiB2 in the Cu matrix. The TiB2 precipitates, identified 

by the electron diffraction and EDS analysis, were imaged by HAADF-TEM. Their 

average diameter was determined to be ≈ 5 nm, and their number density 2-3  10
23 m-3

. 

By comparing thin films irradiated to 1  10
16

 ions/ cm
-2

(≈ 25 dpa) and 3  10
16

 ions/ cm
-2

 

(≈ 75 dpa), it was established that this precipitation reaction led to a steady state 

nanostructured material. In addition, as nearly identical nanostructures formed during 

irradiation at room temperature and at 650 °C, it is concluded that this irradiation-induced 

nanostructuring is similar to one recently reported in highly immiscible binary systems 

such as Cu-Mo and Cu-W. It is thus proposed that this nanostructuring takes place during 

the thermal spike phase of displacement cascades, and is thus largely independent if the 

irradiation temperatures. We observed also that nanostructuring is very effective in 

suppressing grain growth even at very high temperatures, as also reported in Cu-W. The 

present results are novel in the sense that they establish that precipitation in displacement 

cascades can not only lead to the formation of elemental secondary phase, as in Cu-W, 

but also to the formation of compounds, here TiB2. These results suggest that it would be 

interesting to extend the present study by investigating other metal-diboride systems, and 

possibly in metal-oxide systems as well. Such studies should be helpful in developing the 
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science needed, for instance, for elucidating the stability of nanoscale oxide precipitates 

in nano-ODS steels, and for designing alloys with improved radiation resistance.  

 The results reported in this thesis have been partially presented in a poster at the 

2011 Annual TMS conference in San Diego CA, receiving the best poster award. A 

manuscript is in the final stages of precipitation and will be submitted for publication in 

Journal of Nuclear Materials.   
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CHAPTER 8 

FIGURES 

 

 

 

Figure 1. Atomic displacement process in energetic displacement cascade. [12] 
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Figure 2. Schematic of the formation of collision cascade by primary knock-on atom 

(PKA). [13] 
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Figure 3. Stability of Frenkel pairs in {100} plane of copper. Dotted lines separates stable 

from unstable sites for a vacancy. Approximate threshold energies for dynamic 

production of three particular pairs are indicated. [16] 
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Figure 4. The atomic orbits of lattice atoms produced by a 40 eV PKA in (100) plane of 

an FCC crystal. The PKA produced at lattice site A, created a vacancy at A, replacements 

at B and C, and a split interstitial at D. [16] 
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Figure 5. Time development of Frenkel pair concentrations calculated for cascades of two 

different energies: 600 eV (- - - -) and 2.5 keV (------) in Tungsten. [18] 
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Figure 6. Schematic of a highly damaged volume of material when the mean free path 

between collisions approaches the atomic spacing of the target atoms. [21] 
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Figure 7. Position of atoms in a cross-sectional slice, one lattice parameter thick during a 

10-keV event in β-NiAl. [22] 
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Figure 8. Schematic plot of different regimes for diffusion coefficient in irradiated metal 

at different displacement rates. [24] 
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Figure 9. The Steady-state dynamic phase diagram for a model A-B alloy as a function of 

relocation distance, R and reduced rate of ballistic mixing, γ. [8] 
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Figure 10. Dependence of particle size as a function of irradiation dose for pre-irradiated 

Cu85Co15 samples. [9] 
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Figure 11. APT results of irradiation induced precipitation of Fe in Cu. Volume averaged 

size of Fe precipitates in Cu as a function of dose during irradiation at different 

temperatures showing patterning regime. Concentration maps of irradiate Cu88Fe12 at (a) 

250 °C, (b) 300 °C, (c) 350 °C. Cluster size is plotted as a function of doze in (d). [10] 
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Figure 12. (a) Plot of precipitate size vs. temperature during thermal annealing and 

irradiation at high temperature in Cu-Mo and Cu-W alloys. (b) Plot of grain size vs. 

temperature during thermal annealing and irradiation at high temperature in Cu-Mo and 

Cu-W alloys. [11] 
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Figure 13. A binary phase diagram of Ti-B calculated with Thermo-Calc, coupled with 

SSOL4 thermodynamic database. [32] 
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Figure 14. Isothermal section of Ni-T-iB phase diagram at 800 °C. [33] 
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Figure 15. A pseudo binary phase diagram of Fe-TiB2. [33]   
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Figure 16. Schematic illustration of the different types of samples used.  
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Figure 17. Preparation of a cross-section specimen by the liftout technique, (a) deposition 

of a platinum strip over the region of interest, (b) staircase cuts, (c) thinning of the cross-

section to about 500 nm, (d) making a U-cut, (e) further thinning of the sample until 

about 70 nm, (f) cutting the edges and liftout. [36]  
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Figure 18. Electron diffraction pattern of pure TiB2 thin film, irradiated with a dose of 3  

10
16

 ions/ cm
-2

 at 800 °C. All the reflections of crystalline hexagonal TiB2 are indexed.  
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Figure 19. Dark Field imaging of irradiated TiB2 thin film sample with Kr
+
 ions at a dose 

of 3  10
16

 ions/ cm
-2

 at 800 °C. 
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Figure 20. A Bright Field image of irradiated TiB2 thin film at 800 °C. TiB2 particles can 

be seen.  
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Figure 21. A High Resolution Electron Micrograph (HREM) of pure TiB2 film irradiated 

with Kr
+
 ions at 800 °C for 1 hour creating about 75 dpa.   
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Figure 22. A Bright Field image of as grown multilayer Cu/ TiB2 thin film sample. 

Alternate layers of crystalline Cu and amorphous TiB2. 
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Figure 23. A high resolution electron microscopy image of as-grown multilayer Cu/TiB2 

sample showing nanoscale twinning and surface roughness.  
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Figure 24. A electron diffraction pattern of as-grown multilayered Cu/TiB2 thin film 

sample. Reflections for FCC Cu are indexed and no reflections of TiB2 were observed.  
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Figure 25. A Bright Field image of irradiated multilayer Cu/ TiB2 thin film sample. 

Alternate layers of crystalline Cu and hexagonal, equilibrium phase TiB2. 
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Figure 26. A high magnification image of the Cu/TiB2 multilayers irradiated with Kr
+
 

ions at 650 °C.  
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Figure 27. An electron diffraction pattern of as grown Cu0.85(TiB2)0.15 thin film clearly 

showing only Cu FCC reflections. 
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Figure 28. A HAADF image of as-grown single layer Co-sputtered Cu0.85(TiB2)0.15. 
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Figure 29. A HAADF image of a co-sputtered sample irradiated at room temperature with 

3  10
16

 ions/ cm
-2

 Kr
+
 ions.  
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Figure 30. A HAADF image of a co-sputtered Cu0.85(TiB2)0.15 film irradiated with a dose 

of  1  10
16

 ions/ cm
-2

 at 650 °C. 
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Figure 31. An electron diffraction pattern of a co-sputtered Cu-TiB2 irradiated with a 

dose of 1  10
16

 ions/cm
-2

 Kr
+
 ions at 650 °C.   
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Figure 32. A HAADF image of the capped co-sputterd Cu-TiB2 film irradiated at 650 °C, 

with an irradiation dose of 3  10
16

 ions/ cm
-2

. 
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Figure 33. An electron diffraction pattern matching the extra reflections of TiB2 in the 

capped co-sputtered Cu0.85(TiB2)0.15 film irradiated at 650 °C with 3  10
16

 ions/ cm
-2

 Kr
+
 

ions. 
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Figure 34. A plot of the Cu grain size vs temperature, comparing the grain size over 

different as grown, irradiated and annealed samples.  
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Figure 35. A comparison of as grown and irradiated samples in both co-sputtered film 

and multilayered film.  

 

  

 

 

 

 

 

 


